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The process of grain refinement under severe plastic deformation was examined in an Al–5.4% Mg–0.5% Mn–0.1% Zr alloy, which
was subjected to equal-channel angular pressing (ECAP) in the strain interval from 1 to 12 at a temperature of 300 C. It was shown
that the size and distribution of the second phase particles precipitated under homogenization annealing strongly affect grain refinement.
Extensive grain refinement under ECAP was provided by a dispersion of Al6Mn particles with an average size of 25 nm that precip-
itated during the homogenization annealing at an intermediate temperature. The fully recrystallized structure with an average crystallite
size of 0.55 lm evolves through continuous dynamic recrystallization. In contrast, homogenization annealing at a high temperature
leads to the formation of coarse Al6Mn particles with a plate-like shape. Under further ECAP, the formation of coarse recrystallized
grains takes place in this material due to the discontinuous growth of recrystallized grains during the inter-pass annealing between
the ECAP passes. The role of second phases in grain refinement is discussed in terms of pinning and driving forces for recrystallization.
 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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Non-age-hardenable Al–Mg alloys with moderate
strength are widely used because of their excellent corro-
sion resistance, formability and weldability [1]. The main
strengthening effects of these alloys come from solid solu-
tion strengthening and strain hardening [1]. It has been
shown that the strength of Al–Mg alloys can be increased
by extensive grain refinement using equal-channel angular
pressing (ECAP) [2–4]. For example, Hayes et al. [3]
reported that the yield strength of the Al–3% Mg alloy with
a submicron structure produced by ECAP is comparable to
that obtained by age-hardening in wrought Al–Cu alloys.
It is known [5,6] that in severe plastic deformation (SPD)
processing, a steady-state grain size is eventually reached
at ultra-high strains that limits the achievable level of grain
refinement. This limit is controlled by the mobility of1359-6454/$36.00  2011 Acta Materialia Inc. Published by Elsevier Ltd. All
doi:10.1016/j.actamat.2011.10.023
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E-mail address: nikulin.i.a@gmail.com (I. Nikulin).low- and high-angle grain boundaries. The introduction
of second-phase particles, which effectively pin grain
boundaries, is a method for decreasing the limiting grain
size [7], allowing an increase in strength. Alloying elements
such as Zr and Sc, which form nanoscale dispersoids that
exert Zener drag pressure [8], are often added to Al–Mg
alloys for this purpose. Scandium, which forms coherent
Al3Sc dispersoids with sizes ranging from 5 to 25 nm [9],
effectively retards the onset of static recrystallization up
to pre-melting temperatures [10,11]. However, the high cost
of Sc restricts the commercial application of Sc-containing
Al–Mg alloys to a limited range of low-volume, high-per-
formance components, primarily for use in the aerospace
industry, and prevents the expansion of these alloys into
the fabrication of high-volume components associated with
the automotive and shipbuilding industries. To overcome
these economic limitations, an important current objective
is the development of the chemistry of Al–Mg alloys and
processing routes that are capable of the easy production
of ultra-fine-grained (UFG) microstructures by ECAPrights reserved.
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Mg alloys without Sc.
Several studies have focused on the examination of the
grain refinement processes in Al–Mg alloys with and with-
out dispersed second phase particles under ECAP
[2,7,12,13]. There is some confusion in the literature about
the effect of nanoscale dispersoids on the formation of
UFG structures under SPD. Apps et al. [7,12] compared
the grain refinement processes in a binary Al–0.2% Sc
and a single-phase Al–0.13% Mg alloy and showed that
the presence of coherent Al3Sc dispersoids retards the for-
mation of a UFG structure because they reduce the rate of
high-angle grain-boundary development at moderate
strains. On the contrary, Ning et al. [13] examined the effect
of Zr on the grain refinement process during ECAP of an
Al–4.6% Mg–0.6% Mn alloy and showed that the forma-
tion of incoherent Al3Zr dispersoids provides some
decrease in final grain size and inhibits the recrystallization
processes in the UFG structure under static annealing.
However, there is no detailed information on the effect of
Al3Zr dispersoids on the grain refinement process during
ECAP. Barlow et al. [14] reported that the introduction
of nanoscale dispersoids into an aluminum matrix acceler-
ates the grain refinement because of enhanced dislocation
generation and the reduction of the slip distances. On the
over hand, it has also been noted [7,12] that the presence
of dispersoids has been found to homogenize slip, retard
the formation of a cellular substructure and inhibit the for-
mation of microshear bands during deformation. Thus, the
effect of the dispersed phase particles on the UFG structure
formation has not been clearly determined.
In this study, a commercial Al–5.4% Mg–0.5%
Mn–0.1% Zr alloy, denoted 1561Al, was used to study
the effect of the dispersed particles on the grain refinement
processes during SPD. This alloy contains Zr, which can
form incoherent nanoscale Al3Zr dispersoids. However,
Zr is peritectic with Al, having a maximum usable solid
solubility of 0.14wt.% [15,16]. As a result, the volume
fraction of the Al3Zr dispersoids is typically small. In addi-
tion, in Al–Mg–Mn alloys, coarse particles of the Al6Mn
phase with a plate-like shape typically develop during
homogenization annealing at high temperatures [16–18].
It is also possible to produce a dispersion of the nanoscale
Al6Mn phase that exhibits an equiaxed shape by perform-
ing the homogenization annealing at an intermediate
temperature [19]. Thus, the 1561Al alloy can be produced
in two states that are distinguished by the shape and size
of their secondary phases, allowing investigation of their
effect on the grain refinement. The aim of this study is to
examine the dependence of the grain refinement process
on the size and distribution of the second-phase particles
in a commercial Al–5.4% Mg–0.5% Mn–0.1% Zr alloy.
2. Material and experimental procedure
The commercial 1561Al alloy with a chemical compo-
sition of Al–5.4% Mg–0.5% Mn–0.1% Zr–0.12% Si–0.014% Fe (in wt.%) was manufactured by direct chill
casting, with a solidification rate of 100 C s1. The
ingots were then subjected to a homogenization annealing
(HA) treatment by one of two routes. In the first HA
treatment, the ingot was annealed at 360 C for 6 h. In
the second HA treatment, the ingot was annealed at
440 C for 12 h, followed by final annealing at 500 C
for 12 h. The alloys annealed by one of the two HA
treatments were designated 1561HA1 and 1561HA2.
Both ingots were machined into rods with dimension of
20 mm  20 mm  100 mm. These rods were subjected to
ECAP at a temperature of 300 C using an isothermal
die with a channel having a square cross-section of
20 mm  20 mm. The channel had an L-shaped configura-
tion, with an angle of intersection of 90 and an outer arc
curvature angle of 1. Deformation through this die pro-
duced a strain (e) of 1 with each passage [20]. All of the
billets were processed by ECAE to 1, 2, 4, 8 and 12 passes
using route Bc [2]. The pressing speed was 3 mm s1.
Finally, the extruded rods were water quenched. The spec-
imens were exposed within an isothermal die at 300 C for
2 min before each pass.
The specimens for microstructural examination were
cut from the central area of the extruded rods, parallel
to the extrusion direction. For the electron-backscattering
diffraction (EBSD) analysis, these specimens were slightly
electropolished at 30 C in a solution of 30% HNO3 and
70% CH3OH to produce a strain-free surface. The EBSD
orientation maps were recorded using a FEI Quanta
600FEG scanning electron microscope fitted with a
high-resolution EBSD analyzer. The arbitrary area was
automatically scanned with a step size of 0.1 lm. No
boundaries with misorientation less than 2 were taken
into account. In the data presented, high-angle boundaries
(HABs) were defined by a misorientation of hP 15, and
low-angle boundaries (LABs) were defined by 2 <
h < 15. HABs and LABs are depicted in the EBSD maps
as black and white lines, respectively. The terms “grains”
and “subgrains” are used for the definition of crystallites,
which are entirely delimited by HABs and LABs, respec-
tively. The term “(sub)grains” refers to crystallites that
are bounded partly by LABs and partly by HABs. The
volume fraction of ultra-fine grains was deemed to be
the “recrystallized” fraction. The “crystallite size” is
defined as the mean separation of all boundaries (HABs
and LABs). The foils were examined using a JEM-2100
transmission electron microscope (TEM) operating at
200 kV and fitted with an INCA energy-dispersive X-ray
spectrometer (EDXS). The second phase particles were
identified by both EDXS analysis and selected area dif-
fraction. The volume fraction of the second phase parti-
cles, f, was measured in accordance with Ref. [21]. The
dislocation density was estimated by counting individual
dislocations crossing the thin foil surface [22]. The
misorientations on the (sub)grain boundaries were
studied using a conventional Kikuchi-line technique in
TEM [23].
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3.1. Microstructure after homogenization annealing
A granular structure with an average grain size of
250 lm was observed in both states of the 1561Al alloy
(Fig. 1a and b). Nanoscale incoherent dispersoids identified
as Al6Mn phase with an average diameter of 25 nm were
observed in the 1561Al alloy after HA1 treatment (Fig. 1c).
The volume fraction of these dispersoids was 0.025. In
contrast, the 1561HA2 alloy contains coarse, plate-like
Al6Mn particles with average dimensions of 150 nm by
60 nm in the longitudinal and transversal direction, respec-
tively (Fig. 1d). The volume fraction of the coarse plate-like
particles was 0.02.
In addition, primary Mg2Si and Mg2Al3 particles with
an average size of 200 nm and Mg2Si particles with an
average size of 90 nm were observed after homogeniza-
tion in the 1561HA1 and 1561HA2 alloys, respectively.
In both alloys, the volume fraction of these particles was
significantly lower than 0.001. As a result, these particles
have no impact on the grain refinement processes.
The 1561Al alloy was carefully examined by TEM in an
attempt to observe the formation of Al3Zr dispersoids dur-
ing HA. However, no Al3Zr dispersoids were found after
either HA treatment. EDXS analysis has shown that Zr
is retained in the supersaturated solid solution after
homogenization annealing in the 1561Al alloy processedFig. 1. Microstructure of the 1561HA1 alloy (a,c) and the 1561with the HA1 and HA2 treatments. It has previously been
found that annealing in the temperature interval 450–
500 C for at least 200 h is necessary for the precipitation
of fine Al3Zr dispersoids [15,24].
3.2. Deformation microstructure
3.2.1. The 1561HA1 alloy
Typical EBSD maps and the profiles of point-to-point
(Dh) and cumulative point-to-origin (RDh) misorientations
of the deformation microstructure developed during ECAP
in the 1561HA1 alloy are shown in Figs. 2 and 3, respec-
tively. It can be seen in Fig. 2a that the microstructures
developed at e  1 are characterized by the elongation of
the original grains in shear direction, and the formation
of extended LABs is observed within the interiors of the
original grains. These LABs comprise deformation bands
and are aligned in the shear direction as the original bound-
aries. The TEM results reveal that the deformation bands
delimitated by LABs in the shear direction and containing
high dislocation density (q  1.6  1014 m2) are subdi-
vided in the transverse direction by dislocation walls with
a misorientation of h < 3 (Fig. 4a). The formation of dis-
location walls within the deformation bands leads to the
formation of highly elongated subgrains and (sub)grains
with an average misorientation of deformation-induced
boundaries of hav  3.3. It can be seen (Fig. 3a) that the
point-to-point misorientation attains a value of 10 nearHA2 alloy (b,d). Optical (a,b) and TEM (c,d) micrographs.
Fig. 2. Typical EBSD maps of the 1561HA1 alloy processed by ECAP at 300 C to various strains: (a) e  1, (b) e  4, (c) e  8 and (d) e  12. PD is the
pressing direction.
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exceed 5 at a distance from the boundary. This difference
suggests a higher misorientation at the original grain
boundaries than in the core region (Fig. 3a). The continu-
ous change of RDh within the deformation bands is attrib-
uted to lattice distortions due to the dislocation tensor,
indicative of a deformation gradient in those locations.
As a result, chains of recrystallized grains evolve along sep-
arate initial boundaries (Fig. 2a).
Deformation to e  4 leads to the formation of new fine
grains surrounded by HABs (Fig. 2b). The TEM observa-
tion of the 1561HA1 alloy shows that the original grains
mainly consist of deformation bands and subgrains
(Fig. 4b) with a dislocation density of 1.5  1014 m2. It
was also observed that the subgrains tend to acquire an
equiaxed shape with strain. The moderate dislocation den-
sity of 5  1013 m2 was observed in areas of new recrys-
tallized grains. It is worth noting that the new grains are
highly misoriented to each other (Fig. 3b), and most of
the deformation-induced (sub)grains and grains exhibit
an equiaxed shape (Fig. 2b) that is in contrast with lower
strains. The cumulative misorientation changes abruptly
in areas of new developed grains, while it changes continu-
ously in subgrain areas, suggesting deformation heteroge-
neity (Fig. 3b).
With further deformation to higher strains, the num-
ber of new grains continuously increases. At e  8, in
addition, the formation of recovered subgrains takes
place within interiors of original grains (Fig. 2c). Theseequiaxed grains and subgrains are characterized by a
slightly decreased dislocation density (q  8  1013 m2).
At e  12, the fully recrystallized structure evolves (Figs.
2d and 3c); subgrains are rarely observed. The variation
of the cumulative misorientation within a new grain is
negligibly small (Fig. 3c); however, crystallites with a
moderate dislocation density of 7.7  1013 m2 are still
visible (Fig. 4c). As can be seen in Fig. 2d, the formation
of the uniform UFG microstructure is almost completed
at e  12.
3.2.2. The 1561HA2 alloy
The misorientation maps of the 1561HA2 alloy subjected
to ECAP are shown in Fig. 5. At a strain of 1, the original
grains are elongated in the shear direction and are subdi-
vided on coarse deformation bands by LABs (Fig. 5a). The
microstructure that evolves in the 1561HA2 alloy at e  1
is similar to that developed in the 1561HA1 alloy after a sin-
gle ECAP pass (Figs. 2a and 5a). However, in the 1561HA2
alloy, the width of the deformation bands is significantly lar-
ger; transverse LABs are rarely observed by EBSD analysis
within these bands (Fig. 5a). The TEM results shown in
Fig. 7a reveal that the transversal LABs are mainly the dis-
location walls, with the dominant misorientation ranging
from 0.6 to 2.5. The local average misorientation of the
deformation structures developed at e  1 is 2, which is
significantly less than that in the 1561HA1 alloy. The cumu-
lative misorientation changes within tens of degrees in the
deformation bands (Fig. 6a), indicating the existence of
Fig. 3. Point-to-point (Dh) and point-to-origin (RDh) misorientation of
strain-induced boundaries developed along lines pointed at Fig. 2: (a)
e  1, (b) e  4, (c) e  12.
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deformation bands. The overall dislocation density of
4.9  1013 m2 is three times lower than that in the
1561HA1 alloy.
With further deformation to e  2, the number of
recrystallized grains (Fig. 5b) increases and the cumulative
misorientation within the interiors of the original grains
(Fig. 6b) flattens. Coarse recrystallized grains containing
a dislocation density q < 1013 m2 (Fig. 7b) alternate with
deformation bands containing a moderate dislocation den-
sity of 4.6  1013 m2. This structure is typical for the
local static growth of some crystallites during the exposure
between ECAP passes [25]. Static grain growth results in
the formation of a bimodal structure consisting of coarse
grains and (sub)grains with a slightly elongated shape
located in deformation bands.
Further deformation up to e  4 results in the formation
of a microstructure consisting of three types of crystallites
(Fig. 5c). The first structural component consists of coarserecrystallized grains (Fig. 5c). These grains are free of
lattice dislocations (Fig. 7c). The second structural compo-
nent is lamellar grains subdivided by LABs into (sub)grains
exhibiting an equiaxed shape. The third structural compo-
nent comprises fine recrystallized grains that exhibit an
equiaxed shape (Fig. 5c) and contain a moderate number
of lattice dislocations (Fig. 7c). The fraction of fine recrys-
tallized grains is relatively small in the microstructure that
develops at e  4 in the 1561HA2 alloy. The dislocation
density was measured to be 3.9  1013 m2 within the
subgrain and grain areas. Upon further straining, the num-
ber of fine and coarse recrystallized grains tends to increase
(Fig. 5d). However, the coarse grains (i.e., the first struc-
tural component) dominate at eP 4 (Fig. 5c and d). Note
that the dislocation densities of 3.8  1013 m2 that were
measured within the subgrain and grain interiors at e  12
are almost the same as those in the 1561HA2 alloy
deformed to e  4.
3.3. Dispersoids
TEM observation of the deformation structure of the
1561HA1 alloy showed that the size of Al6Mn dispersoids
decreases slightly during the hot ECAP at e > 4 (Fig. 4c).
The mean diameter of the particles is 22 nm. The volume
fraction of the Al6Mn particles is 0.025, which is the same
as in the as-homogenized 1561HA1 alloy. These particles
can effectively pin mobile dislocations (Fig. 4c) and,
because of increased Zener drag pressure, hinder the mobil-
ity of the grain boundaries [8].
An examination of the deformed structure of the
1561HA2 alloy showed that coarse Al6Mn particles that
precipitate during the high-temperature homogenization
annealing remain in the structure up to high values of the
strain. Moreover, a small number of additional fine Al6Mn
dispersoids with an average diameter of 22 nm precipitate
in the 1561HA2 alloy at eP 8 (Fig. 7d). These newly
formed dispersoids are predominantly located within areas
of fine grains, while the coarse Al6Mn particles are ran-
domly distributed throughout the alloy body. It seems that
in the 1561HA2 alloy, the fine recrystallized grains can
retain their dimensions in areas where the additional pre-
cipitation of equiaxed nanoscale Al6Mn particles takes
place. Noticeable grain coarsening occurs under static con-
ditions in the areas in which the coarse plate-like Al6Mn
particles are the dominant phase.
Thus, the fine Al6Mn particles precipitated under
homogenization annealing at intermediate temperature
strongly promote extensive grain refinement in the
1561Al alloy. On the other hand, inhomogeneous structure
was found to evolve in the 1561HA2 alloy because of the
coarse Al6Mn particles precipitated at high-temperature
homogenization. It is obvious that the structural character-
istics of finely dispersed Al6Mn phase particles are critically
important for the size of the final recrystallized grains, the
uniformity of the recrystallized structure and the rate of the
grain refinement process as well.
Fig. 4. TEM micrographs of the 1561HA1 alloy deformed to: e  1 (a), e  4 (b) and e  12 (c).
Fig. 5. Typical EBSD maps of the 1561HA2 alloy deformed to: e  1 (a), e  2 (b), e  4 (c) and e  12 (d). PD is the pressing direction.
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Fig. 6. Point-to-point (Dh) and point-to-origin (RDh) misorientation of
strain-induced boundaries developed along lines pointed at Fig. 5 (a) and
(b): (a) e  1, (b) e  2.
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The effect of strain on the fraction of boundaries is
shown in Fig. 8a and b for the 1561HA1 and 1561HA2
alloys, respectively. The HABs are subdivided on medium
angle boundaries (MABs) (15 6 h < 30) and very high
angle boundaries (VHABs) (30 6 h < 62.8). In the
1561HA1 alloy, the fraction of LABs continuously
decreases from 0.77 to 0.34 as the overall strain increases
from 1 to 12. In the 1561HA2 alloy, the fraction of LABs
decreases from 0.77 to 0.36 in the strain interval from 1 to
4, and remains virtually unchanged with further straining
(Fig. 8b). The increase of strain to e  12 insignificantly
affects the fraction of MABs, which is almost unchanged
during deformation for both states of the 1561Al alloy.
In the 1561HA1 alloy the fraction of VHABs continuously
increases with increasing cumulative strain; at e  12, the
sum of MABs and VHABs is 0.66. On the other hand,
in the 1561HA2 alloy, the fraction of VHABs increases
to 0.5 at e  4 and then remains unchanged in the strain
interval from 4 to 12.
The strain dependence of the average misorientation is
similar to that of the fraction of VHABs (Fig. 8c). It can
be seen that in the 1561HA1 alloy, hav increases continu-
ously from 12 to 28.5 as the strain increases from 1 to
12. In the 1561HA2 alloy, the average misorientation
increases rapidly from 11 to 28 in the strain interval from
1 to 4 and remains almost unchanged upon further strain-
ing to e  12. It is worth noting that the continuous
increase of the average misorientation in the present alloytakes place because of the incremental growth of the
VHABs’ portion with strain.
The effect of strain on the average crystallite size mea-
sured in the longitudinal direction (i.e. in the direction of
grain elongation) and in the transverse direction is summa-
rized in Fig. 8d. It is seen that the size of crystallites tends
to decrease gradually with increasing strain in the
1561HA1 and 1561HA2 alloys. In the strain interval from
1 to 4, the crystallite size in the 1561HA1 alloy rapidly
decreases because of an increasing fraction of equiaxed
crystallites. It is worth noting that the transverse size of
the crystallites remains almost unchanged after e  4, and
the longitudinal size of the elongated subgrains approaches
the transverse size. It can be clearly seen in Fig. 8d that the
temperature of homogenization annealing strongly affects
the size of the crystallites developed in the 1561Al alloy
during ECAP. For example, at e  12, the average sizes
of the fine crystallites were 0.55 and 0.7 lm in the
1561HA1 and 1561HA2 alloys, respectively. The decreased
crystallite size observed in the 1561HA1 alloy at 4 6 e 6 12
is associated with fine Al6Mn particles, which promote
grain refinement. In the 1561HA2 alloy, which does not
contain nanoscale particles, coarse grains start to develop
at e  2. The average size of the coarse grains increases
from 4.7 to 5.6 lm with increasing strain.
4. Discussion
The results described above show that the process of
grain refinement in the 1561Al alloy under ECAP is
strongly dependent on the size and morphology of the
Al6Mn particles precipitated under homogenization
annealing. It can be concluded from the present study that
the microstructure developed in the 1561Al alloy after
ECAP is the result of the superposition of the processes
of hot deformation and static recrystallization during
annealing. The UFG structure was achieved by an effective
strain of 12 in the alloy containing incoherent Al6Mn dis-
persoids, in contrast with the Al–6% Mg alloy containing
coherent Al3Sc particles [25]. The regularities of the grain
refinement under ECAP in the 1561HA1 alloy are similar
to those in the Sc-bearing Al–Mg alloys [26,27]. It is obvi-
ous that the high density of nanoscale Al6Mn particles with
incoherent boundaries facilitates grain refinement in the
1561HA1 alloy. These particles showed high resistance to
coarsening at 300 C under annealing and ECAP condi-
tions as well. Therefore, they may exert high a Zener drag
force [8], providing stability of deformation structure under
static and dynamic conditions. In contrast, the heteroge-
neous structure with coarse grains associated with a lack
of Zener drag force is developed during ECAP in the
1561HA2 alloy with plate-like Al6Mn particles.
The ability of the grain boundaries to migrate may be
approximately determined from the balance of the driving
force for recrystallization (Fd) and the Zener drag force (Fp)
caused by small particles. When FdP Fp, normal grain
growth caused by static recrystallization will take place.
Fig. 8. Effect of strain on (a,b) population of LABs, MABs and VHABs; (c) average misorientation of deformation-induced boundaries, hav; (d) the
crystallite size, d (for 1561HA2 alloy, the average size of coarse grains is represented).
Fig. 7. TEM micrographs of the 1561HA2 alloy deformed to e  1 (a), e  2, (c) e  4 and (d) e  8.
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accumulated dislocation density, which gives rise to a
stored energy [8], given by:
F d ¼ 0:5Gb2Dq ð1Þ
where b = 2.86  1010 m [8] is the Burgers vector;
G = 1.96  1010 N m2 [28] is the shear modulus of the Al–
Mg–Mn alloy at 300 C and Dq is the dislocation density.
Substituting the b andG values into Eq. (1) leads to an Fd va-
lue in the 1561HA1 alloy of 1.3  105 N m2 and
6.2  104 N m2 for the dislocation densities Dq 
1014 m2 (1 6 e 6 4) and Dq  1013 m2 (8 6 e 6 12),
respectively.
In the case of randomly distributed spherical incoherent
particles, the drag force inhibiting normal grain growth is
given by [8]:
F p ¼ 3f c=2r ð2Þ
where f = 0.025 is the volume fraction of Al6Mn dispersoids
in the 1561HA1 alloy (see Sections 3.1 and 3.3);
c = 0.32 J m2 [29] is the grain boundary energy of alumi-
num; and r of 12.5 and 11 nm is the mean radius of the
spherical Al6Mn dispersoids for the 1561HA1 alloy in the
initial and deformed conditions, respectively. The substitu-
tion of these values into Eq. (2) gives Fp of 6.9 
105 N m2 and9.2  105 N m2 for nanoscale dispersoids
of the Al6Mn phase precipitated under homogenization and
deformation at eP 8, respectively. These values are, respec-
tively, nearly equal to and higher by a factor of1.5 than the
value for the Zener drag pressure originating from coherent
Al3Sc dispersoids in the 1570Al alloy [25].
In order to evaluate the drag force originating from the
coarse Al6Mn particles, the following values were used:
f  0.02 is the volume fraction of Al6Mn particles in the
1561HA2 alloy; r  100 nm, evaluated in accordance with
Ref. [8], is the radius of the spherical particles equivalent
to the plate-like Al6Mn particles in the homogenized
1561HA2 alloy. Substitution of these values into Eq. (2)
leads to an Fp value of 1.9  105 N m2. A driving force
of 3.5  104 N m2 was obtained for the recrystallization
of the 1561HA2 alloy with dislocation density Dq  4 
1013 m2 (1 6 e 6 12).
The ratio Fp > Fd suggests that normal grain growth is
completely inhibited on annealing in both states of the
1561Al alloy. However, a coarse grained structure was
observed in the 1561HA2 alloy after ECAP. There are
two critical levels of pinning, depending on the dispersion
of particles [30,31]; at a high pinning force, neither normal
nor abnormal grain growth is possible, whereas at a low
pinning force, the deformed structure cannot undergo nor-
mal grain growth, but abnormal grain growth is still possi-
ble. The Fp of Al6Mn particles in the 1561HA2 alloy is 5
times that in the 1561HA1, and in the 1561HA2 at eP 4,
the deformation microstructure discontinuously evolves
into coarse and high aspect-ratio recrystallized grains
mixed with fine grains (i.e., a bimodal structure is formed)
(Figs. 5 and 7).The theory [32] predicts the ability of the 1561Al alloy to
undergo grain coarsening during inter-pass annealing. It
was suggested that grain growth may or may not occur
depending on the value of the dimensionless parameter
ZH given by [32]:
ZH ¼ 3fR=2r ð3Þ
where R is the mean radius of grain assembly; f is the vol-
ume fraction of the second phase particles; and r is the
mean radius of the spherical particles. The substitution of
the structural parameters for the 1561HA1 and 1561HA2
alloys into Eq. (3) leads to ZH > 2 for the 1561HA1 alloy
and 0.3 < ZH < 0.5 for the 1561HA2 alloy. In accordance
with Ref. [32], no grain growth can occur under static
annealing when ZH > 1, as in the case of the 1561HA1
alloy, irrespective of the size and shape of the separate
grains [32], whereas ZH lying in the range from 0.2 to 1
confirms the discontinuous growth of separate grains in
the 1561HA2 alloy during the inter-pass annealing [32].
The relations Fp > Fd and ZH > 2 confirm that at low
and high strains, there is no static grain growth in the
1561HA1 alloy, and the main factor of the UFG structure
formation is a hot deformation. At e 6 4, the Al6Mn
dispersoids provide the stabilization of LABs. The dense
array of LABs required for the occurrence of CDRX
[8,10,11,25,26] is evolved at a strain of 4 (Fig. 9a). A large
number of mobile dislocations move across the subgrain
interiors and are trapped by deformation-induced LABs,
resulting in an increase in their misorientation followed
by their transformation to HABs [10,11]. At eP 4, a dis-
persion of Al6Mn particles impedes the migration of HABs
under both static and dynamic conditions. It is obvious
that at eP 4, the recrystallized grains persistently replace
subgrains through the continuous transformation of LABs
into HABs. Upon processing to a cumulative strain of
e  12, the average misorientation in the 1561HA1 alloy
continuously increases to 28.5 (Fig. 8c), which is close
to that of 30 in the SPDed strain-induced grained mate-
rials with a face-centered-cubic (fcc) lattice [33]. The frac-
tion of HABs, of 0.66, approaches a typical value of
0.7 for recrystallized grained structures [8,34]. This struc-
ture is a granular one and is not susceptible to discontinu-
ous grain growth [8,35–37] under static annealing.
On the other hand, the relations Fp > Fd and 0.3 <
ZH < 0.5 suggest that the deformation microstructure can-
not undergo continuous grain growth, but discontinuous
grain growth is still possible on annealing in the
1561HA2 alloy. The pinning force of 1.9  105 N m2
exerted by the coarse Al6Mn particles precipitated in the
1561HA2 alloy is not sufficient to impede the mobility of
the separate grain boundaries under inter-pass annealing
and to prevent discontinuous grain coarsening. An exten-
sive collision of migrating LABs of opposite signs leads
to their complete disappearance, which ceases the forma-
tion of a stable array of LABs [38,39]. As a result, the
density of the deformation-induced LABs (Fig. 9) and their
average misorientation in the 1561HA2 alloy are
Fig. 9. Effect of strain on density of deformation-induced boundaries in the 1561HA1 (a) and 1561HA2 (b) alloys.
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CDRX could not develop if an extensive collision of LABs
took place at the initial stage of deformation [39]. At the
same time, the recrystallized grains can easily grow stati-
cally into an array of dislocation boundaries with low mis-
orientation. Furthermore, ZH < 0.5 calculated for the
1561HA2 alloy indicates that the critical size of the recrys-
tallized grains that are susceptible to discontinuous growth
is relatively low [32], and, therefore, that numerous grains
can grow discontinuously, which can be clearly seen in
Figs. 5b–d and 7b–d. The coarse grains observed in the
1561HA2 alloy after ECAP are a result of the hot deforma-
tion and static recrystallization during the inter-pass
annealing. The last process occurs because of the deficiency
of the Zener drag force associated with a lack of nanoscale
dispersoids [30,31].
It is worth noting that the size of the recrystallized
grains achieved in the 1561HA1 alloy subjected to ECAP
is less than the size of the fine recrystallized grains in
Al–6% Mg–0.35% Sc alloy after ECAP at the same temper-
ature [25], by a factor of 2. This difference could not be
attributed to the difference in Zener drag pressure alone.
It is known [5] that if an alloying element provides solid
solution strengthening and increases work hardening by
reducing the rate of recovery, that element also reduces
the grain size achieved in an aluminum alloy subjected to
SPD. It is known that the presence of Zr within the alumi-
num solid solution strongly decreases the diffusivity
through the aluminum matrix [40], inhibiting dynamic
recovery and reducing the rate of dynamic boundary
migration. As a result, the size of the dynamically recrystal-
lized grains decreases. Thus, high Zener drag pressure
exerted by the dispersion of the nanoscale particles of the
Al6Mn phase and the saturation of the solid solution by
Zr, which decreases the diffusivity, allows the achievement
of finer grain size in the 1561Al alloy than in the Al–6%
Mg–0.35% Sc alloy [25].
5. Conclusions
The effect of the second phase particles on grain refine-
ment in the 1561 aluminum alloy subjected to ECAP to astrain of 12 at 300 C was studied in the present work.
The main results are summarized as follows:
1. Intermediate temperature HA at 360 C leads to the pre-
cipitation of equiaxed nanoscale Al6Mn dispersoids with
an average size of 25 nm. These particles have a high
coarsening resistance at a temperature of 300 C. On
the other hand, coarse plate-like Al6Mn particles evolve
in the 1561Al subjected to high-temperature HA at 440
and 500 C.
2. At 300 C, the nanoscale Al6Mn dispersoids are as effec-
tive as the Al3Sc dispersoids. The presence of the Al6Mn
dispersoids promotes dislocation generation and pro-
vides stabilization of the new grain boundaries during
deformation and annealing. The formation of new
grains under ECAP of the 1561Al alloy with nanoscale
Al6Mn dispersoids occurs through continuous dynamic
recrystallization. At the initial stage of the deformation
(e 6 4), three-dimensional arrays of LABs evolve homo-
geneously within the interiors of the original grains and
along the initial grain boundaries. Further deformation
leads to the gradual transformation of LABs into HABs
at a high rate. A new fine-grained microstructure with
an average grain size of 0.55 lm develops at a strain
of 12 in the 1561Al.
3. A coarse-grained structure develops during ECAP in the
1561Al alloy subjected to high-temperature HA. The
grain coarsening is caused by the fact that while the
Zener drag force originating from coarse Al6Mn parti-
cles is sufficient to suppress continuous grain growth
during annealing between the ECAP passes, separate
grains can still grow discontinuously due to deficiency
of the Zener drag pressure.
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